A bottom-up design and assembly of synergistically interacting graphene oxide (GO)-ultrathin polymer nanolaminates exhibit an impressive 2-fold enhancement in GO toughness and several-fold increase in piercing resistance and load-bearing capacity. This design strategy takes advantage of a hierarchy of interactions between GO and the polymer adlayer, giving rises to an extrinsic toughening mechanism that utilizes the native GO surface chemistry. Such a framework is readily transferable to other 2D material systems to facilitate their adoption in many applications. 
HIGHLIGHTS GO-polymer nanolaminates with several-fold increase in piercing resistance
Tailored polymer chain length facilitates excellent interdomain reinforcements Strongly interacting polymer adlayer induces a 2-fold toughness enhancement Multiscale simulations reveal drastic energy dissipation through crack-bridging INTRODUCTION Two-dimensional (2D) materials in monolayer or few-layer forms have been used in the design of novel sensors, filtration membranes, and wearable electronic devices. In their multilayer form, nanocomposites of these atomically thin 2D materials can in theory be engineered to exhibit unprecedented combinations of specific stiffness and strength. However, their intrinsic brittle behavior and their associated risk for catastrophic failure [1] [2] [3] [4] [5] have thus far precluded their adoption in practical applications requiring superior mechanical properties.
In the area of nanocomposites (structural materials), lightweight 2D materials can address a high demand for safer and more energy-efficient transportation systems, e.g., in automotive and aeronautical applications. Similarly, the next generation of protective body armor has inspired the search for lightweight materials with exceptional piercing resistance. 6 Composites based on 2D materials appear to be excellent candidates to address these societal needs. For instance, it has been shown that graphene and graphene oxide-polymer systems have the potential to offer superior performance to Kevlar in body armor applications. [7] [8] [9] Likewise, graphene/Al 2 O 3 has been utilized as reinforcing components in lightweight aluminum composites. 10 Unfortunately, the presence of ''architectural defects'' such as voids and wrinkles found in previously produced 2D materials, in thin-film form, resulted in limited mechanical performance. 1, 4, 5, 11 This has precluded fundamental understanding of their full potential and their robust implementation in the aforementioned engineering applications.
Progress and Potential
Two-dimensional (2D) materials with unconventional properties have emerged as promising candidates for addressing societal needs for advanced electronic devices and strong lightweight composites. However, their intrinsic brittle behavior and the associated risk for catastrophic failure have thus far limited their adoption. Here, we demonstrate a strategy for extrinsically toughening these materials through engineering the surface chemistry of a graphene oxide ultrathin polymer model system. Our combined experimental and computational explorations reveal a hierarchy of interactions that lead to an impressive 2-fold enhancement in graphene oxide toughness without modulus degradation. Such an extrinsic toughening strategy should be applicable to enhance the failure resistance of a variety of 2D materials, in their pristine state or with surface functionalization, which will in turn inspire the design of next-generation electronics and structural materials.
A strategy to gain fundamental understanding of the potential of 2D materials, in their few-layer or structural-material forms, is to investigate specimens with tailored chemistries and controlled architectures in the form of a few layers so as to avoid stacking defects between sheets (wrinkles, voids) that are typically observed in thicker films. While this strategy has been explored computationally, 1, 12, 13 the proposed structures exceed current synthesis capabilities. In contrast, here we present a combined experimental and computational approach, based on graphene oxide (GO) 11, 14 and poly(vinyl alcohol) (PVA), as a model material system, to investigate surface chemistry effects and pathways for improved ductility and fracture of 2D materials. We recently showed that GO manifests nanoscale ''intrinsic'' toughening behavior arising from its epoxide-rich surface chemistry. [15] [16] [17] However, these short-range effects only delay crack initiation and do not provide crack-bridging mechanisms. In this work, we show that a larger-scale, ''extrinsic'' toughening mechanism may be incorporated into GO monolayers through surface modification by an ultrathin strongly interacting polymer layer. For example, PVA polymer chains with optimal molecular weights can assemble and interact strongly through hydrogen bonding with the oxidized domains in GO, as proved by Fourier-transform infrared spectroscopy, 18 molecular dynamics (MD) simulations, 19 and mechanical characterizations. 14, 16, 19 The extensive hydrogen bonding between the PVA chains and the GO surface consequently mechanically reinforces the whole nanosheet by bridging across these relatively weaker and oxidized domains. This process is analogous to the crack-bridging that arises from relatively short fibers embedded in ceramics, [20] [21] [22] and therefore, one can envision that such an extrinsic toughening mechanism of crack-bridging over scales of tens of nanometers can be exploited to engineer 2D monolayer-based materials with superior toughness.
In this work, we experimentally demonstrate the aforementioned mesoscale crackbridging and extrinsic toughening behaviors for GO-derived materials. By incorporating an atomically thin layer of PVA polymer onto the surface of a GO nanosheet, we show that the toughness of the resulting GO-PVA nanolaminates is increased beyond that of known 2D monolayers, making them highly attractive as scalable building blocks for the next generation of engineered materials. Multiscale characterization reveals the presence of a hydrogen-bonding network on the surface of GO that can be exploited to reinforce its mechanical integrity via PVA adhesion to the oxidized domains in GO. This pairing results in a synergistic toughening mechanism in which the polymer chains effectively bridge a developing crack and allow the nanolaminate to continue bearing load, as verified by combined nanomechanical experimental and theoretical studies. As cracks develop, clusters of hydrogen bonds between GO and the PVA chains break and reform, which permits PVA to act as a self-healing, loadbearing element. Such a deformation mechanism increases by a few fold the fracture toughness of the underlying GO nanosheet and provides key insights not only for the design of 2D materials-based nanocomposites but also for the engineering of more reliable sensors, filtration membranes, and wearable electronic devices.
RESULTS AND DISCUSSION
Study Overview GO monolayers modified with a $1.5-nm-thick layer of PVA (total thickness of $2.5 nm) were fabricated by sequential Langmuir-Blodgett (LB) deposition of GO and PVA onto a patterned Si substrate (see Figure 1A and Experimental Procedures). Nanomechanical testing of freestanding GO-PVA nanolaminates, with an overall thickness of $2.5 nm, was accomplished through atomic force microscopy (AFM) membrane-deflection experiments. Prior to nanomechanical testing, the polymer microstructure was studied via AFM ( Figure 1B ) and the formation of a nanostructured PVA network on GO was confirmed through high-resolution transmission electron microscopy (HRTEM) techniques ( Figure 2) . Notably, the load-deflection behavior of GO-PVA nanolaminates revealed a 2-fold increase in load-bearing capacity, as compared with unmodified GO monolayers, accompanied by permanent deformation and bulging of PVA in the region where the membranes were loaded ( Figure 3 ). Such deformation and bulging suggest GO cracking accompanied by a polymer ''extrinsic toughening'' mechanism, schematically shown in Figure 1C . The atomistic basis for this extrinsic toughening mechanism and its quantification was obtained through molecular modeling (Figure 4 ), in which reformable hydrogen-bonding interactions between GO and PVA chains give rise to a crackbridging mechanism that results in a significant increase of the load-bearing capacity GO. A continuum-finite element analysis (FEA) ( Figure 5 ) was carried out to estimate the nanolaminate energy dissipation per unit volume and to compare its performance with prior literature reports for the GO-PVA material system. (B) Hierarchical structure of GO-PVA nanolaminates. The AFM images in the first two panels show the microscale structure, and the HAADF image in the third panel reveals the nanoscale structure. The proposed molecular structure based on HRTEM and EELS characterization is shown in the schematic of the fourth panel.
(C) Schematic of the microscale crack-bridging in GO-PVA nanolaminates during AFM membrane-deflection experiments. In (B) and (C), the brown and gold patches represent graphitic and oxidized domains, respectively, while the yellow fibers denote the PVA chains.
Nanoscale Structure of GO-PVA Nanolaminates The structure of GO comprised graphitic domains (measuring $3-6 nm 2 ) interspersed within a continuous oxidized network. 11 Hence, we hypothesize that PVA chains of a suitable length ($134 repeat units, 6 kDa molecular weight, and $33 nm contour length as identified in this study) can optimally interact with, and bridge across, multiple GO oxidized domains due to its comparable size with 3-4 oxidized GO domains and its capability to engage in extensive hydrogen bonding with these domains 14, 16, 19 ( Figure 1 ). In contrast, we also hypothesize that longer PVA chains would be less effective in bridging the oxidized domains, as they would preferentially form intramolecular hydrogen bonds, resulting in PVA aggregates on the GO sheet that interact minimally with the oxidized domains. AFM images of nanolaminates fabricated using longer PVA chains ($140 nm contour length, 25 kDa molecular weight) confirmed that this is indeed the case, showing aggregation of PVA chains into nanoparticles on the GO surface (see Supplemental Information Section S1 and Figure S1B ). The nanoscale structure of the GO-PVA nanolaminates was examined using HRTEM characterization (see discussion below) and compared with that of GO (Figures 2A and 2B ). PVA was not readily distinguishable, since both PVA and the oxidized GO domains are amorphous. To unambiguously detect the presence of PVA, we enlisted electron energy-loss spectroscopy (EELS) to examine spatial variations in the plasmonic peak position of the GO-PVA nanolaminates. We utilized EELS in TEM mode to characterize a series of reference samples to establish peak positions for the graphitic, oxidized, and PVA-covered regions present in GO-PVA nanolaminates (see Supplemental Information Section S2). The locations of PVA adsorption with respect to the oxidized and graphitic domains of GO were then determined through an EELS line scan in scanning transmission electron microscopy (STEM) mode. This approach exploits the finer lateral resolution of STEM (in our experiments, $0.25 nm spot size, compared with a $500-nm region in TEM). In the high-angle annular dark-field (HAADF) image of the GO-PVA nanolaminate ( Figure 2C ), an EELS line scan across regions of varying HAADF intensity revealed changes in thickness mass. As the line scan moves from the low-HAADFintensity region to the high-HAADF-intensity region, across a distance of 10 nm, the p + s plasmon peak in the corresponding EELS low-loss spectra shifts from 15 (low-HAADF-intensity) to 17 eV (moderate-HAADF-intensity) and then to 21 eV (high-HAADF-intensity) ( Figure 2D ). These values correspond to the p + s peak positions for graphitic, oxidized, and GO-PVA domains, respectively. In addition, subtracting the EELS low-loss spectrum corresponding to the oxidized domain of GO, from the spectrum of GO-PVA, provides the spectral contribution from pure PVA, a peak at 23 eV ( Figure 2D ). These data suggest that PVA is mostly present on the oxidized domains of the GO sheet (i.e., the continuous high-HAADFintensity-contrast areas) and confirms the hypothesis that hydrogen-bonding interactions lead to the formation of a nanostructured PVA network on the oxidized domains, which extends over the entire surface of GO (see Supplemental Information Sections S3 and S4).
Interestingly, AFM imaging of the GO-PVA nanolaminates reveals a much larger microscale pattern of interconnected PVA-dense regions ($20-150 nm in size), consistent with features that arise from polymer density fluctuations ( Figure 1B) . 23 Similar to the nanoscale dewetting of liquid films on substrates with micron-scale chemical heterogeneities, 23 the heterogeneity of the GO-PVA surface (i.e., graphitic and PVA-covered regions as described above), as revealed by both STEM and AFM, supports that PVA adheres to GO in a scale-dependent fashion (Figures 1A and 1B; Supplemental Information Section S1). The density fluctuations are over a scale that is one to two orders of magnitude larger than the length scale of the chemical heterogeneity, comparable with previous literature. 24 Such scale-dependent heterogeneity of polymer adsorption is a reflection of the synergistic interactions between the oxidized domain size of the substrate and a polymer chain of appropriate length (see additional discussion in Supplemental Information Section S1). In contrast, when PVA is deposited on a predominantly graphitic surface, a density fluctuation pattern at the micron scale is not observed by AFM imaging (see Supplemental Information Section S1). Together, the AFM, HRTEM, and EELS data obtained in this study confirm the presence of a PVA network structure 25 composed of nanoscale and microscale features, associated with density fluctuations, which are expected to lead to specific mechanical behavior. The ultrathin, nanostructured PVA network observed here is evidence of extensive interactions between GO and PVA, which can lead to the bridging of microcracks in the GO, resulting in toughening effects. We hypothesize that this ultrathin PVA layer dominates the mechanical response of the nanolaminates during crack-bridging. As described in the next section, where we carry out nanomechanics experiments to interrogate this behavior, we show that the toughening observed in GO nanolaminates can only arise if PVA chains form continuous networks over oxidized domains that bridge both sides of a crack edge.
Mechanical Performance of GO-PVA Nanolaminates A typical force-deflection profile of a suspended GO-PVA nanolaminate ( Figure 3A ) reveals an impressive peak force of approximately 200 nN, a 4-fold increase in the maximum load that monolayer GO can bear before rupture (47 nN). 17 We note that the GO samples in both cases were prepared by the same synthesis method and thus have the same chemical composition and functional group distributions. This superior strength cannot be explained using a rule of mixtures (ROM) model, clearly demonstrating that the PVA chains (strength of 40-140 MPa for bulk PVA 26-29 versus 25 GPa for GO 4, 16, 17 ) facilitate the toughening of the GO monolayer. Notably, when the force-deflection profile for GO-PVA nanolaminates ( Figure 3A ) is fit to a linear elastic membrane solution, over the early stages of deformation (deflection of 25-50 nm), an elastic modulus E = 78 G 11 GPa is obtained (see Supplemental Information Sections S5 and S8 for in-depth explanations of the ROM predictions and thickness calculation). This value is 2-to 10-fold higher than that of GO-polymer nanocomposites reported in the literature. 19, 26, [30] [31] [32] which highlights the benefit of utilizing ultrathin polymer layers. Unlike strength, the elastic modulus is in good agreement with ROM predictions, and rapidly approaches the maximum possible value for GO-PVA nanolaminates as the thickness of the PVA layer approaches that of a single chain ($0.5-0.7 nm, as predicted by MD calculations).
Together with the increase in rupture force, this reasserts that this ultrathin and nanostructured polymer network provides excellent load transfer and increases energy dissipation and toughness. Indeed, we found that the area under the curve from the membrane-deflection profile increases from 2.5 fJ to $55 fJ by the addition of a thin PVA layer (see Supplemental Information Section S5).
Given the radius of the AFM tip ($25 nm) and the size of the domains present in GO (Figure 2A) , it is reasonable to expect that a large amount of oxidized domains should be present under the region in direct contact with the indenter. Furthermore, given the lower intrinsic strength and fracture toughness of oxidized domains, as compared with graphitic domains, 5, 15, 16 we expect that crack initiation and growth will preferentially occur through oxidized domains. Therefore, one can envision that the hydrogen-bond network in the GO-PVA nanolaminates leads to a synergistic redistribution of mechanical loads. 31 As flaws nucleate in the relatively weaker, oxidized domains of GO, PVA chains bridge these domains (discussed below) during crack opening, enabling microscale crack-bridging mechanisms and toughening GO (manifested as an increased load-bearing capacity). The effects of crack-bridging are apparent in the large nonlinear work-hardening response of the GO-PVA nanolaminates ( Figure 3A) , and GO-PVA membranes, as previously stated, exhibiting a 20-fold increase in energy absorption compared with pristine GO membranes (see Supplemental Information Section S5). We also show below, in the discussion on the atomistic and finite element modeling of the fracture process, that such behavior is only possible if the reinforcing nanostructured PVA network limits crack growth during the loading process ( Figure 1C) . If the crack length is comparable with the bridging-zone length (on the order of the contour length of an adsorbed PVA chain), it is possible to shield the developing flaw and limit its growth. 20 Indeed, the rupture of the indented GO-PVA nanolaminate ( Figure 3B ) is confined to the area in direct contact with the AFM tip ($25 nm radius). This observation is in stark contrast to the more-prominent rupture typically observed for a single GO monolayer ( Figure 3C ), suggesting that mechanical energy is well dissipated during crack growth. Such a phenomenon can be considered the ''nanoscale'' version of crack-bridging mechanisms exhibited by fiber-reinforced ceramics and concretes, [20] [21] [22] 33 and can provide a pathway to increase the toughness of GO-based and other 2D materials.
Atomistic Basis of Crack-Bridging and Quantification of Energy Dissipation
To obtain atomistic insight into the GO-PVA crack-bridging mechanism and quantify the level of extrinsic toughening, we carried out MD simulations on a representative GO-PVA system to extract fundamental properties and constitutive relationships. We investigated the crack-bridging behavior at the scale characterized by STEM by probing the interfacial load bearing between GO and PVA in the wake of a crack. The interfacial load bearing as a function of crack opening was quantified by monitoring the evolution of traction, i.e., stress on PVA chains due to motion of GO surfaces, with crack opening. Our analysis focuses on GO's oxidized domains, which are dominant in the microstructure of the material and control the behavior of the system given their hydrogen-bonded interactions with PVA chains. We conducted all-atom MD simulations (see Experimental Procedures for simulation details) using the ReaxFF force field, 34 which has been parametrized 35 for hydrocarbons and GO-based systems. In these simulations, PVA chains (134 monomers, $33 nm contour length) were assembled over two GO sheets with an initial crack opening of 1 nm, and the sheets were then pulled apart to increase the opening of the crack while the 2D traction-crack-opening response of PVA was measured. The 2D traction was computed by dividing the PVA bridging force by the crack length. We note that a complete atomistic simulation of the indentation and crack-propagation process for GO-PVA nanolaminates, which can capture the laboratory length and time scales, is unfeasible due to its prohibitive computational costs.
Mechanistically, the presence of hydrogen-bond clusters between GO and PVA effectively ''anchors'' PVA chains, enables load bearing across the GO-PVA interface, and becomes responsible for the stretching of PVA chains as cracks in GO propagate. In the early stages of crack opening (i.e., as the two GO sheets are pulled apart), the average traction ( Figure 4A ) is approximately constant as PVA chains extend over the crack by uncoiling and stretching ( Figure 4A , snapshot I). The traction-separation plot exhibits a number of oscillations associated with the breaking and reformation of hydrogen-bond clusters ( Figure 4A ). The process is repeated over the ensemble of PVA chains during sliding. Finally, as PVA chains are successively pulled out from either GO sheet ( Figure 4A , snapshot III), they become progressively unable to bridge the relatively long gaps associated with the GO crack, which leads to a decrease in traction. This mechanism of PVA load transfer to the GO sheets, via networks of hydrogen bonds, causes stretching of the PVA backbone, which greatly enhances the crack-bridging effect. We also found that the loadbearing capability of PVA is strongly dependent on the initial configuration of the polymer, and other mechanisms (e.g., bundling of PVA chains, bridging between interconnected PVA chains) were found to contribute significantly to load bearing (see Supplemental Information Section S7 for further details). To account for these statistical variations, we repeated simulations on replicas and averaged the 2D traction-crack-opening response for the subsequent fracture mechanics analysis, shown in Figure 4B .
To quantify the increase in toughness, we incorporated the traction-crack-opening behavior captured from the atomistic simulations of GO-PVA nanolaminates in a fracture mechanics framework 20 to estimate the energy-release rate involved during crack opening (see Experimental Procedures for further details). Our analysis reveals that the energy-release rate G of GO-PVA, which arises as the sum of the energyrelease rates of GO and the extrinsic PVA crack-bridging, G 0 and G f , respectively, is on average 11.67 nJ m À1 (see Supplemental Information Section S7). In contrast, single GO monolayers 15 have an intrinsic toughness of G 0 = 3.4-4.6 nJ m À1 (for comparison, the intrinsic toughness of graphene is 5.3 nJ m À1 , 5,15 comparable with GO and lower than GO-PVA nanolaminates). Here, we have normalized the energyrelease rates with respect to the number of monolayers (via thickness) to allow comparisons between different systems. We also estimated, employing extended finite element analysis, the process zone length (L p ) for the GO-PVA system, i.e., the region around the GO crack tip with non-zero traction (see Figures 4B and 4C and Experimental Procedures for details). The cohesive law, extracted from the allatom MD, is applied to represent the traction-separation law of the crack. After the crack propagates to a certain length, a steady-state process zone develops that corresponds to L p $ 127 nm. This is in stark contrast to that of quasi-brittle GO, which is approximately 2.5 nm long. In this light, our observations reveal the importance of interfacial load transfer behind the crack tip, provided by PVA chains, via high-density, breakable-and-reformable hydrogen-bond networks, and show the GO-PVA system to be the molecular analog of ceramics reinforced by relatively short fibers. 20 High stresses experienced by the material under the indenter initiate failure in the GO-PVA nanolaminates in the form of microcracks, 17 leading to nonlinearities in load-deflection curves. However, in contrast to pristine GO, these microcracks are bridged by PVA chains, delaying microcrack coalescence and failure, which leads to increased toughness. To quantify the gains associated with using GO-PVA in nanolaminates, we carried out FEA of the AFM experiments using the constitutive behavior described in Section S9 of Supplemental Information. Figure 5A shows a comparison between the FEA simulation and one representative experimental result. The load-displacement behavior up to the peak load of both curves and damage patterns on the membrane are very similar. The dimension of the punctured hole in the GO membrane and GO-PVA are also in excellent agreement with the experimental results as shown in Figure 5B . Due to the presence of the ultrathin PVA layer in the latter case, the cracks are more diffused and a larger area of the GO membrane is resisting the puncture load. It should be noted that the key requirements for this mechanism to occur are: (1) the length (or molecular weight) of the PVA chains are short enough such that most of the chains are well adsorbed onto the oxidized patches (Supplemental Information and Figure S4 ), (2) the chains must be long enough to avoid easy pullout, and (3) the stiffness and covalent strength of the backbone must be exploited to avoid deformation localization under the penetrating tip. These three conditions allow an ultrathin layer of polymer to be both strong (arising from the backbone of polymer chains) and tough (as hydrogen bonds can break and reform during sliding events between GO and PVA). A supplementary condition, which remains a hypothesis, is that under the indenter pressure, PVA chains may organize and heavily crosslink with one another to form a stronger polymer network.
To compare our membrane-deflection results to the stress-strain curves reported in the literature for GO-polymers, which were obtained either experimentally or computationally via MD, we normalized the amount of energy dissipated in the nanolaminate through a unit volume defined by G v =H/A c t, where H is the cumulative energy up to a considered state, computed via trapezoidal integration of force-deflection signatures ( Figure 5A ), A c is the inelastic area (where the sliding between GO and PVA has occurred, see Figure 5C ), and t is the thickness of the nanolaminate system. Values of energy dissipated per unit volume, G v at points A, B, and C are 0.431, 0.547, and 0.616, respectively. Compared with values reported in the literature for GO-PVA (0.345 36 and 0.4, 19 calculated from the area under the stress-strain curves), the estimates of energy dissipated in the membrane-deflection experiments reported herein represent a 2-fold increase.
Mechanical Characterization of PVA-GO-PVA Nanolaminates and Binanolaminates
The crack-bridging mechanism observed for the GO-PVA nanolaminates investigated here suggests that depositing PVA on both faces of the GO monolayer should lead to further improvements in performance, without affecting stiffness, if the polymer volume fraction is kept constant. Such PVA-GO-PVA nanolaminates were prepared by spin-coating a premixed GO-PVA solution 37 on a patterned substrate (additional information is provided in Experimental Procedures). Remarkably, this method enabled thickness reduction of the polymer layer to a single-chain thickness, as AFM imaging indicates that both sides of the GO monolayer are covered by a PVA monolayer with thickness of only $0.75 nm (total sample thickness = 2.5 nm; see Supplemental Information Section S8). Interestingly, the force-deflection profile of the PVA-GO-PVA nanolaminate ( Figure 3D ) shows a rupture force of 176 G 24 nN, a 15% increase with respect to that of GO-PVA nanolaminates (155 G 31 nN). As anticipated, and since the volume fraction of PVA in the system remains constant, the elastic modulus (E = 78 G 10 GPa) of the PVA-GO-PVA nanolaminates remains unchanged from that of GO-PVA (E = 78 G 11 GPa, see Supplemental Information Section S5).
The success in extending the crack-bridging mechanism to PVA-GO-PVA nanolaminates prompted us to explore whether such toughening behavior can still be observed in stacked assemblies of PVA-GO-PVA nanolaminates, such as a PVA-GO-PVA binanolaminate system. Through spin-coating, we obtained a mix of nanolaminates and binanolaminates on the patterned Si substrate. The 5-nm thickness of the latter is consistent with the stacking of two PVA-GO-PVA nanolaminates of 2.5 nm thickness (see Figure 3E ). The 2D elastic modulus of binanolaminate PVA-GO-PVA (E 2D = 365 G 72 N m À1 ) scales with the number of PVA-GO-PVA nanolaminates (E 2D = 196 G 26 N m À1 ; see Figure 3D and Supplemental Information Section S5), confirming the presence of a secondary load-bearing GO layer and suggesting that there is excellent load transfer and contact between adjacent PVA-GO-PVA nanolaminates. This implies that GO-based nanocomposite materials with superior load-carrying and energy-dissipation (area under the load-deflection curve) capacities may be obtained by stacking PVA-GO-PVA nanolaminates, as the mechanical properties of individual PVA-GO-PVA nanolaminates are maintained and load transfer is reasonable.
Consistent with interlaminate load transfer, a peak force of 201 G 53 nN was measured for PVA-GO-PVA binanolaminates. This increase in peak force over that of the PVA-GO-PVA nanolaminates (176 G 24 nN) is but one feature of the improved material performance of the binanolaminates. Force-deflection curves and AFM surface analysis suggest that this material is also capable of a large amount of energy dissipation. Indeed, the post-test surface of PVA-GO-PVA binanolaminates distinctly contains a heightened feature, presumably an accumulation of plastically deformed PVA chains (e.g., the bulging of the loaded polymer region), in the center of the membrane after significant loading followed by unloading. Closer inspection of this feature ( Figure 3F ) reveals the presence of surrounding nanocracks ($75-100 nm), which do not appear to penetrate through the entire thickness of the binanolaminate assembly. Based on these observations, we hypothesize that this peak force corresponds to the puncture of the top PVA-GO-PVA nanolaminate, which explains why no force scaling is observed. It also suggests the presence of a crack-arrest mechanism-a highly desirable feature in the design of nanocomposites. [38] [39] [40] Indeed, the existence of a large process zone that redistributes load between GO and PVA disrupts the typical failure mechanism of GO. As shown in the force-membrane-deflection curves, (PVA-GO-PVA) nano-and binanolaminates have a significant peak-load enhancement and nonlinear response attributable to the load transfer between GO and PVA chains through the interface. As the membrane is continuously loaded, material nonlinearities lead to load redistribution that delays failure of the top layer. Under sufficiently high applied forces (beyond those used in these experiments, which were limited by the stiffness of the employed cantilever), we would expect to see full binanolaminate failure across the thickness, with distinctive topographical features owing to the load transfer between the two adjacent layers.
Conclusion
As stated in the Introduction, there is a major need for the design and synthesis of new 2D materials exhibiting superior specific stiffness, strength, and toughness. In this regard, the fundamental studies of the mechanics of nanolaminates described in this paper provide key understandings of the pathways for their toughening and explain recent experimental findings hinting at the potential of 2D materials in transportation and ballistic-protection applications. 9 Indeed, the ultrathin GO-PVA structures reported here show significant failure resistance while preserving good stiffness and light weight. The GO monolayers are significantly toughened by atomically thin layers of PVA through controlled interfacial interactions: the microscale cracks are bridged by the PVA chains, which delay and shield crack growth through a hydrogen-bond-mediated network. Such a mechanism is the molecular analog of macroscopic crack-bridging observed in ceramic-and fiber-reinforced composites. Our fabrication strategy should be applicable to a variety of 2D materials, in their pristine state or with surface functionalization, for enhancing their mechanical performance toward controlling deformation and failure, which, in turn, can inspire the design of the next generation of engineered structural materials.
To fully exploit the findings reported in this paper as they relate to the design of nanocomposites, we must consider three elements. The first is the making of GO with larger sheet dimensions as well as GO-polymer laminates with larger thickness. These are manufacturing challenges that need further exploration. A possible direction is the use of chemical vapor deposition to grow graphene, over the scale of full wafers, 41 followed by oxidation, for instance using plasma treatments with suitable chemistries. Thicker laminates can then potentially be made from this large-dimension GO using scale-up technologies such as roll-to-roll manufacturing 42 or flowassisted assembly. 43 The second approach is polymer selection and tailoring of the interface chemistry, to modulate crosslinking strength and density via hydrogen bonding, electrostatics, and van der Waals interactions. The ultimate goal is to control the shear strength of the interface while maintaining its ductility. 44 The third method deals with optimizing the mechanics of the nanocomposite by accounting for the competition between constituent dimensions, interface strength, and GO-sheet properties including toughness. By exploring these variables using shear-lag analytical frameworks, 45, 46 Monte Carlo type simulations, 47 or analytical frameworks, 48 ,49 many novel materials can be designed.
We emphasize that the work reported herein focused on achieving the thinnest polymer layer film that can provide intra-and interlayer load transfer to link sliding layers and simultaneously bridge nanocracks in the GO. While such an approach maximizes the volume fraction of the 2D material, the thickness of the polymer layer is a variable that can be tuned within the structural materials' design space. Given the well-known thickness-dependence of polymer structures and mechanical properties, the response of the GO-polymer nanocomposites can then be tailored 50 to match a particular performance requirement. In this respect, Gao et al. 51 have recently explored the tradeoff between inter-and intralayer load-bearing mechanisms in graphene-derived layer-by-layer-assembled materials. A similar study for the GO-polymer system could be a topic of future research work. We close by noting that we have laid out methodologies that can be exploited by the scientific community at large in the design and validation of next-generation 2D materials that can meet future needs in applications ranging from sensors to wearable electronic devices to structural materials.
EXPERIMENTAL PROCEDURES Materials and Instrumentation
Unless otherwise stated, all reagents were used as received. Graphite powder (grade 2139) was purchased from Asbury Carbons (Asbury, NJ). Sodium nitrate, potassium permanganate, absolute ethanol, and concentrated hydrochloric acid were purchased from Sigma-Aldrich (Milwaukee, WI). Concentrated sulfuric acid, ether, and methanol were purchased from VWR International (Radnor, PA). Phosphoric acid (85 wt %), was purchased from Mallinckrodt Baker (Phillipsburg, NJ). Hydrogen peroxide (30 wt % in water) was purchased from Sigma-Aldrich and refrigerated during storage. Ultrapure deionized water (resistivity 18.2 MU cm) was obtained from a Milli-Q Biocel A10 system (Millipore, Billerica, MA). Silicon wafers (item #785, 100 mm diameter, p-type, B-doped, single-side-polished) and silicon wafers with a 500-nm-thick thermal oxide layer (100 mm diameter, N/Phos-doped, singleside-polished) were purchased from University Wafer (Boston, MA).
HRTEM, STEM, and EELS characterizations were conducted using the Argonne Chromatic Aberration-corrected TEM (ACAT) (an FEI Titan 80-300 ST with an image aberration corrector to compensate for both spherical and chromatic aberrations) at an accelerating voltage of 80 kV to reduce knock-on damage. The nanolaminate TEM specimens were prepared by sequential LB deposition of GO and PVA, or spincoating a premixed aqueous solution of GO and PVA, onto TEM grids (see procedures below). HRTEM images were taken under conditions when spherical and chromatic aberration coefficients are corrected below certain values (C s < 5 mm, C c < 5 mm). Low-loss EELS spectra were recorded in an image-coupled mode. To avoid electron beam damage, we used a low probe current (5 pA) in STEM mode, relatively large probe size ($0.25 nm), and short dwell time (0.1 s) for the EELS line scan.
Scanning electron microscopy (SEM) images were taken using an FEI NovaNano 600 scanning electron microscope (FEI, Hillsboro, OR). CHN elemental analysis and O elemental analysis were performed by combustion and pyrolysis, respectively (Micro Analysis, Wilmington, DE). Samples were dried at 80 C under vacuum for 4 h. Water content was measured by Karl Fischer titration using a C20 Compact Karl Fischer Coulometer (Mettler-Toledo International, Columbus, OH) on films dried at 80 C under vacuum for 4 h, and bath sonicated for 5 min in dry methanol in a sealed vial. Water-contact angles were measured using a VCA Optima contact angle instrument (AST Products, Billerica, MA) by dropping 4 mL of ultrapure deionized water onto the substrate, with measurements taken at three different locations on each substrate.
Synthesis of Graphene Oxide
Each batch of graphite oxide was prepared using a modified Hummer's method. 52 In brief, a 9:1 (v/v) mixture of concentrated H 2 SO 4 (360 mL)/H 3 PO 4 (40 mL) was added to a mixture of graphite (3 g) and potassium permanganate (18 g ). The reaction mixture was heated to 50 C and stirred for 12 h. The mixture was then cooled to room temperature and poured over ice ($400 mL), followed by the addition of . After each wash, the mixture was filtered through the sieve and then centrifuged (8,228 rcf for 1 h) with the supernatant decanted away. The remaining material was coagulated with ether (200 mL) and filtered over a polytetrafluoroethylene membrane (Omnipore, 5 mm pore size; Millipore) overnight. The GO filter cake was then dispersed in ultrapure deionized water, with the dispersion stirred for 18 h. Any residual unexfoliated graphite oxide was removed by centrifuging at 8,228 rcf for 5 min (23) with the precipitate discarded. The final dispersions contained $3 mg mL À1 of graphene oxide (GO), with a C/O ratio determined by elemental analysis to be 1.13. Accounting for a water content of 14.53% 17 results in a C/O ratio of 1.57. GO films for analysis were prepared by drop casting GO solution onto silicon wafers with a thermal oxide layer, followed by drying under ambient conditions.
Preparation of Si Substrates with Microwells
Si substrates containing arrays of microwells with 1.76 mm diameter and 4 mm depth were fabricated using a combination of photolithography and deep reactive-ion etching (DRIE). A 1.2-mm-thick photoresist layer (S1813 positive photoresist manufactured by Dow Electronic Materials Microposit, catalog number DEM-10018348; Capitol Scientific, Austin, TX) was spin-coated onto the Si wafer at 4,000 rpm using a spin-coater (Cee 200X; Brewer Science, Rolla, MO). Following a 1-min soft bake at 100 C on a hot plate, the wafer was exposed to UV light (365 nm, 18 mW cm À2 ) for 4 s on a Mask Aligner instrument (Sü ss MABA6; Sü ss MicroTec, Garching, Germany). After exposure, the wafer was developed in an MF 319 developer (manufactured by Dow Electronic Materials Microposit, catalog number DEM-10018042; Capitol Scientific) for 60 s. Spin-rinsing was carried out with ultrapure deionized water (200 mL) for 30 s at approximately 300 rpm, followed by a 60 s spin dry at 3,000 rpm.
The resulting photoresist-masked silicon wafer was then subjected to microwell etching using a DRIE machine (STS LpX Pegasus; SPTS Technologies, San Jose, CA). After etching, the remaining photoresist was removed using acetone, and the wafer was cleaned using isopropanol and ultrapure deionized water. This wafer was then cleaved into smaller substrates to be used in the LB deposition and subsequent membrane-deflection experiments.
Prior to LB deposition, the substrates were cleaned using the following procedure: After this cleaning process, the substrates were left under ambient conditions and their water-contact angle was monitored until the desired value was reached prior to LB deposition (see procedure below). As reported previously, 17 the yield of intact suspended GO membranes is dependent on the water-contact angle of the substrate. As such, substrates with a water-contact angle of approximately 60 -70 were used to prevent membrane rupture.
Langmuir-Blodgett Assembly of GO-PVA Nanolaminates To prepare suspended, single GO monolayers for the AFM membrane-deflection experiments with GO-PVA nanolaminates, we employed the LB assembly method.
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The as-prepared aqueous GO dispersion was diluted with methanol to a mixture of 5:1 (v/v) MeOH/GO dispersion. The Nima Technology (Espoo, Finland) model 116 trough was cleaned with acetone and filled with ultrapure deionized water. Typically, the GO/methanol solution (300-480 mL) was spread onto the water surface dropwise at a rate of 100 mL min À1 using a glass syringe, forming a monolayer film on the surface. The surface pressure was monitored using a tensiometer attached to a Wilhelmy plate. The film was allowed to equilibrate for at least 20 min after spreading and was then compressed by barriers at a speed of 100 cm 2 min À1 . Single GO monolayers were transferred near the onset of the surface pressure increase by vertically dipping the substrate into the trough and slowly pulling it up at a rate of 2 mm min À1 .
The LB technique was also used to deposit an ultrathin PVA layer onto the suspended GO monolayers. To prevent the GO monolayer from washing off during the deposition, we deposited PVA on the day after LB deposition of the GO. A 1 mg mL À1 aqueous solution of PVA was diluted with ethanol to a mixture of 5:1 (v/v) ethanol/ultrapure deionized water. (This concentration of the PVA spreading solution is experimentally chosen so that a uniform monolayer coverage on the water surface can be conveniently obtained with a small volume of spreading solution. The actual concentration of PVA on the water surface is solely controlled by the surface pressure upon the transfer.) The Nima Technology model 116 trough was cleaned with acetone and filled with ultrapure deionized water. PVA solution (600 mL) was spread onto the water surface dropwise at a rate of 100 mL min À1 using a glass syringe, forming a film on the surface. The surface pressure was monitored using a tensiometer attached to a Wilhelmy plate. The film was allowed to equilibrate for at least 20 min after the spreading and was then compressed by barriers at a speed of 100 cm 2 min À1 . The PVA layer was transferred at a surface area of 50 cm 2 by vertically dipping a substrate containing suspended GO monolayers into the trough and slowly pulling it up at a rate of 2 mm min À1 .
Fabrication of PVA-GO-PVA Nanolaminates and Binanolaminates An aqueous PVA solution was prepared by dissolving PVA (200 mg) in ultrapure deionized water (16.7 mL) and stirring for at least 3 h. This solution was mixed with the as-prepared aqueous GO dispersion (3.335 mL) to yield a 1:20 (w/w) GO/PVA dispersion, which was diluted to a final volume of 30 mL and centrifuged at 8,228 rcf for 20 min. The supernatant was decanted to remove excess PVA not bound to GO monolayers and the precipitate was redispersed in $27 mL of ultrapure deionized water. The resulting dispersion of PVA-GO-PVA was spin-coated onto the patterned Si substrates at 2,000 rpm, with an acceleration of 200 rpm to obtain a mix of PVA-GO-PVA nano-and binanolaminates, which could be distinguished based on SEM and AFM characterization.
Atomic Force Microscopy Membrane-Deflection Tests
A single-crystal diamond probe (catalog number ART D160; K-TEK Nanotechnology, Wilsonville, OR) was used to load the membrane at its center using an atomic force microscope (Dimension 3100; Veeco, Plainview, NY). The stiffness of the cantilever (k = 3.18 N m À1 ) was calibrated using a standard cantilever (CLFC-NOBO; Bruker, Camarillo, CA). 54 The tip radius of the AFM probe (R = 25 nm) was measured by an FEI NovaNano 600 scanning electron microscope. All experiments were carried out at room temperature and 16% humidity inside a customized environmental chamber. A constant deflection rate of 1 mm s À1 was used in all tests.
For a suspended, circular, linear elastic membrane under a central load, the force versus deflection response can be approximated as
where F is the applied force, d is the membrane center deflection, h is the effective thickness of the specimen (see Supplemental Information Section S8), s 0 is the pre-stress in the membrane, a is the membrane radius, E is the elastic modulus, and q is a dimensionless constant defined as q = 1/(1.05-0.15v À 0.16v
, where v is the Poisson's ratio. According to previous density functional-based tight-binding calculations, 16, 17 the Poisson ratio of the systems studied here was taken as 0.2. We defined specific guidelines to select the fitting region on the raw data (see Supplemental Information Section S5) to achieve consistency when fitting the linear elastic behavior of different samples.
All-Atom Molecular Dynamics Simulations of GO-PVA Fracture Process
The LAMMPS (large-scale atomic/molecular massively parallel simulator) software package was employed to carry out all-atom MD simulations. 55 Although it is computationally prohibitive to simulate the experimental indentation and crack initiation, estimates on mechanical properties can be obtained based on mechanistically equivalent systems, as demonstrated in fracture mechanics theory (see below). To this end, two GO sheets with a size of approximately 3 3 7 nm 2 (70% degree of oxidation and a 4:1 epoxide-to-hydroxyl functional group ratio) were separated with an initial crack opening of 1 nm to mimic a previously initiated crack within an oxidized domain. The GO models were constructed employing a configurational bias Monte Carlo algorithm discussed elsewhere, 16 and the chemical composition of GO was validated by comparing our XPS results with those of previous literature, 17 where an epoxide-rich GO chemistry was reported. Six PVA chains (134 monomers each, $ 33 nm contour length) were deposited over this GO system to simulate GO-PVA nanolaminates. This integer number of PVA chains was chosen to achieve a final PVA single-chain adlayer with a density of 1.06 g cm À3 (see further discussion below), as close as possible to the density of bulk PVA (1.19-1.31 g cm À3 ). 56 The PVA chains were generated employing a random walk algorithm within a box with the same in-plane dimensions as the assembled GO sheets. The resulting PVA layer was pre-equilibrated at 600 K for 4 ns, followed by an annealing process of 1 ns/300 K using the OPLS force field. 57 During the equilibration, this PVA layer was restricted by repulsive-only potential walls in the out-of-plane-directions of GO to maintain a thickness of $1 nm (thickness of a single polymer chain), close to the thickness obtained experimentally (1.5 nm). As mentioned above, the final density of this layer is similar to the bulk density of PVA, ensuring the formation of physically meaningful structures in our simulation that can account for realistic polymer relaxation dynamics while maintaining a single-chain nature for the layer. This equilibrated PVA layer was then deposited over the separated GO sheets to generate the initial structure for crack-opening simulations. To consider statistical effects, we placed the initial crack at different lateral positions with respect to the deposited PVA layer. To estimate an optimum in crack-bridging behavior, whereby all PVA chains are perpendicular to the crack present in GO and capable of bridging, we also created a directionally biased PVA layer. All models were separately re-equilibrated prior to loading, to permit polymer dynamics in the presence of GO to occur.
The ReaxFF force field, 34 as parametrized 35 for simulations with hydrocarbons and graphene oxide-based systems, was employed for the crack-opening simulations to describe the interactions between all components. A time step of 0.25 fs was employed to consider the vibrational frequency of H atoms present in PVA and GO. The GO-PVA system was first equilibrated in an NVT ensemble at a temperature of 300 K for 200 ps. The behavior of the system was monitored until energy convergence was achieved during equilibration. The measured out-of-plane thickness of the system was $2 nm after equilibrium, in agreement with experimentally measured thicknesses ($2.5 nm). A displacement-controlled uniaxial tensile strain experiment was then performed by deforming the simulation box perpendicular to the initial crack in the system (see Figure 4A ) within an NVT ensemble at 300 K. Periodic boundary conditions were applied on the in-plane directions of GO. A strain rate of 1 3 10 9 s À1 was chosen, as we found this value to be sufficiently low for stable hydrogen-bond reformation to occur. Under this strain rate, shear forces in the interface plateau to an approximately constant value as predicted by Bell's hydrogen-bonding stick-slip mechanisms (see Supplemental Information Section S6 for detailed discussion on the relationship between strain rate and shear force for a variety of strain rates for GO-PVA nanolaminates). Per-atom virial stresses for PVA and GO were independently calculated and summed, and subsequently averaged over 10 timesteps for every 100 timesteps. A forward-moving average filter of 50 steps was then applied to obtain average virial stresses. These average virial stresses (stress 3 volume) were then divided by the current box length in the crack-opening direction to calculate the x-component of the bridging force. To calculate 2D traction we divided the bridging force by the crack length, which is also the box width. The crack opening was calculated by measuring the average distance between the atoms involved in the GO crack edges (see Figure 4A ).
Quantification of GO-PVA Energy-Release Rate
To verify the failure mechanism and quantify the energy-release rate for GO-PVA, we adapted crack-bridging theory from fracture mechanics 20 and contrasted the energy-release rate to that of GO only. 15 Similar to any crack-bridging system, the energy-release rate of GO-PVA nanolaminates was related to the numerical integral of traction with respect to crack opening (shaded region in Figure 4A ).
Process Zone Estimation Based on the Extended Finite Elements Method
The extended finite element methodology (XFEM), 58 as implemented in ABAQUS 6.14, was applied to model the fracture process in GO-PVA by considering the traction-crack-opening behavior of GO and PVA. Plane-stress elements (CPS4) as implemented in ABAQUS 6.14 were utilized, with an element size of 1 nm. To conduct the study, we designed a 60 3 180 nm 2 GO sheet with a 2-nm-long slit (represented as a strong discontinuity in the XFEM method). Simulations were conducted by incorporating the critical energy-release rate of GO 15 (G c = G 0 = 3.4-4.6 nJ m
À1
) and the cohesive traction-separation law, as obtained from the all-atom MD simulations previously described. GO was assumed to behave as an isotropic, linear elastic material with Young's modulus E = 220 GPa and Poisson's ratio n = 0.2. The crack-bridging effect of PVA is implicitly implemented into the cohesive law after crack initiation in GO. To estimate the process zone, we extracted the traction near the crack tip after steadystate crack growth was achieved. The process zone is defined as the distance over which the load is being borne by the PVA traction-crack-opening law ( Figure 4B ).
Finite Element Analysis of the Membrane-Deflection Experiment GO and PVA are simulated as two layers using thin-shell elements. 59 The indenter was modeled as a rigid solid with a tip radius of 25 nm. The cohesion between GO and PVA was simulated as a surface-based (zero-thickness) cohesive law. The parameters for the cohesive law were estimated from a set of MD simulations using ReaxFF (adhesion energy = 0.3425 nN nm À1 , shear strength = 93 MPa, and power law [with exponent equal to 1] for mix-mode behavior). The GO constitutive law is based on our prior work. 16, 60 The PVA constitutive law was obtained through an inverse method described in detail in the Supplemental Information Section S9.
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